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ABSTRACT: Poly(methyl methacrylate) (PMMA)-C60 nanocomposites, with compositions in the range 0e
φC60

wt e 0.05, are shown to exhibit systematic increases in dynamic shear moduli, in glass transition temperature
(Tg), and in the longest relaxation time of the polymer (τR) with increasing fullerene concentration. We show that
while theφC60

wt dependence of the plateau modulus can be reconciled with a conventional “filler” effect, the
systematic increases inTg and inτR are associated with specific interactions between the C60 and the polymer
segments. In the melt, these segment-C60 interactions are proposed to reduce polymer segmental mobility in the
vicinity of the particle surface and ultimately suppress polymer dynamics, as measured mechanically, in a manner
consistent with an increase in the polymer segmental friction coefficient.

Introduction

The influence of particles on the viscoelastic properties of
conventional polymer-based composites, i.e., polymers filled
with particles that have dimensions on the order of microns or
larger, can often be described solely in terms of the volume
fraction of particles.1 The success of such a “filler” effect model
relies on the influence of specific interactions between polymer
segments and particles being negligible. However, when par-
ticles possess dimensions on the order of nanometers, even small
particle concentrations can lead to a breakdown of this
“continuum-solvent” wisdom. These polymer nanocomposite
(PNC) materials exhibit changes in glass transition temperatures
(Tg)2-7 and enhancements in viscoelastic properties8-15 unprec-
edented in conventional composites.

The unique properties of PNCs are attributed to the high filler
surface area-to-volume ratios, which result in significant
interfacial areas of contact between the polymer and the
particles. The large interfacial areas of contact enable a
substantial fraction of polymer segments to interact directly with
filler particles, even at low particle concentrations. In addition,
interparticle distances can become comparable to the size of
the polymer chains at low particle volume fractions in PNCs.
Consequently, both chain confinement and polymer bridging
between particles can occur and may also influence the
properties of the PNC. For many applications, however, the
precise manner in which the preceding features interplay and
impact material properties remains to be clarified.

The rheological behavior of PNCs has attracted significant
interest in recent years,8-12,14-20 for both scientific and tech-
nological reasons. Apart from providing an assessment of
processability, rheological measurements give insight into the
connection between the molecular structure and dynamics of
polymers. Experimentally, PNCs typically exhibit solidlike
viscoelastic behavior at particle volume fractions much smaller
than predicted for conventional composites.8,11,14Explanations
for this phenomenon range from jamming of a highly anisotropic
particulate phase9,16,21 to the creation of a polymer-mediated

particle network.11,14 Simulations suggest that changes in
monomer packing near the polymer-particle interface19,22-27

lead to local segmental dynamics that differ from that of the
homopolymer. In the case of attractive polymer-particle
interactions, the dynamics and can be highly heterogeneous,19

particularly at high loading fractions.20 These dynamic hetero-
geneities, which arise due to the presence of nanofillers, have
been suggested to underlie changes in theTg and the viscosity
observed in PNCs.19,20,25,26 Additional experimental studies
aimed at discerning the nature of the material heterogeneities
would be useful to gain further insight into these observations.

In this paper we examine how nanoparticles influence the
viscoelastic behavior of PMMA-based PNCs and probe the
underlying mechanism(s) of the effect. To this end, the thermal
and viscoelastic properties of a model PNC, narrow molecular
weight distribution PMMA into which C60 fullerene particles
are incorporated, are evaluated. The diameter of a C60 particle
is ∼1 nm; so individually dispersed particles within the polymer
matrix would therefore result in average interparticle distances
comparable to the size of the polymer radius of gyration,Rg ∼
14 nm, at volume fractions as low as 3× 10-5. Considering
the similarities noted between PNCs and polymer thin films,6,25

and noting that polymer thin film physical properties exhibit
changes at film thicknesses greater than the polymerRg,28-33

the properties of PMMA should be expected to exhibit changes
even at such low C60 fractions. Our investigations confirm that
the addition of C60 to PMMA has ramifications beyond that of
a conventional “filler” effect. Dynamic mechanical analysis
(DMA) and differential scanning calorimetric (DSC) measure-
ments both reveal a systematic increase in theTg of the PNCs,
and melt rheological measurements show that an increase in
the polymer chain relaxation time accompanies the change in
Tg. An assessment of the C60 dispersion within the polymer,
considered together with recent computer simulation findings
and incoherent neutron scattering experiments, suggests that
transient interactions between the polymer chain segments and
C60 aggregates are responsible for the reduction in dynamics.

Experimental Section

Materials. The PNCs were made via a solution dissolution-
solvent evaporation method. The C60 (Alpha Aesar, 99+%) was
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added to toluene up to a concentration of 0.15 wt % and sonicated
(Sonicor, SC-40) for 15 min to disperse the fullerenes into solution.
PMMA (Pressure Chemical;Mw ) 254.7 kg/mol,Mw/Mn ) 1.15)
was also dissolved in toluene, and the two solutions were mixed in
proportion to create the appropriate nanocomposite concentration.
The toluene was subsequently evaporated from the mixture at 348
K. Residual solvent was removed by drying the samples under high
vacuum at 453 K for 15 h. The pure polymer and PNCs were
compression-molded at 453 K into cylindrical and rectangular
geometries for rheological and dynamic mechanical (DMA) testing,
respectively.

Thermal Characterization. Differential scanning calorimetry
measurements of the samples were taken on a DSC 7 (Perkin-Elmer)
after residual solvent removal. Approximately 10 mg of material
was heated from 298 to 473 K at a rate of 10 K/min in three cycles.
Between each heat ramp, the material was annealed at 473 K for
5 min to erase previous thermal history and then cooled to 298 K
at 100 K/min. The samples were then held at 298 K for 5 min to
ensure temperature equilibration before beginning the next heat
ramp. All measurements reported are of the second heating cycle,
which was indistinguishable from the third heating cycle.

The dynamic mechanical behavior of the PNCs was examined
using a Mark V DMTA (Rheometrics Scientific) in the single
cantilever bending geometry. The experimental specimens were 30
mm long, 10 mm wide, and 1.1 mm thick. The samples were cooled
to 123 K and held there for 10 min. Then the storage modulus
(E′), loss modulus (E′′), and loss tangent (tanδ) were analyzed at
discrete frequencies of 0.1, 1, 10, and 50 Hz under a strain of 0.1%
while the sample was heated from 123 to 483 K at a rate of 1
K/min. Strain sweeps verified that the reported measurements are
within the linear viscoelastic regime. All samples are relaxed above
their glass transition temperature just before testing.

Rheology.The melt viscoelastic properties of the PNCs were
characterized using an advanced rheometric expansion system
(ARES) rheometer (Rheometrics Scientific) equipped with 25 mm
parallel plates under small-amplitude oscillatory shear strain. The
average gap between the plates was 1 mm, and applied strains
ranged from 5 to 10%. The frequency-dependent elastic (G′(ω))
and loss (G′′(ω)) shear moduli were measured over a temperature
range of 433-513 K by performing frequency,ω, sweeps from
0.1 to 100 rad/s. Strain sweeps verified that all reported measure-
ments were within the linear viscoelastic regime. Master curves at
443 K were generated using Orchestrator (TA Instruments) software,
which determined the horizontal shift factors (aT) necessary to match
the loss tangent (tanδ). Subsequent vertical shift factors (bT) were
required to superpose moduli due to changes in material density
and variations in the separation gap with temperature.

Incoherent Neutron Scattering.Aluminum boats containing the
polymer samples were placed in an annular, thin-walled aluminum
cell that was mounted on the high flux backscattering spectrometer
(HFBS)34 on the NG2 beamline at the NIST Center for Neutron
Research and cooled to 50 K under vacuum. The spectrometer
operated in fixed window mode (stationary Doppler drive) with
the elastic intensity recorded over aQ range of 0.25-1.75 Å-1.
The sample temperature was increased at a rate of 1 K/min to 525
K, and the elastic intensity was summed over intervals of 1 K. The
HFBS energy resolution of∼0.8µeV (fwhm) implies that dynamics
on a time scale of 200 MHz (∼1 ns) or slower contribute to elastic
scattering, whereas faster processes contribute to inelastic scattering
and a subsequent reduction in the elastic intensity.

The incoherent scattering cross section of hydrogen is∼20 times
greater than the total scattering cross section of C or O and∼40
times larger than its own coherent scattering cross section. Hence,
in the C60-PMMA PNCs tested, the scattering is dominated by
the incoherent scattering of the hydrogen atoms of the PMMA, and
only the polymer dynamics is probed. The thickness of the sample
films was∼0.05 mm to achieve>90% transmission and minimize
multiple scattering. Raw data were normalized to monitor and to
the intensity at the lowest measured temperature.

Dispersion. C60 dispersion within the PMMA matrix was
characterized by transmission optical microscopy and transmission

electron microscopy (TEM). Transmission optical micrographs of
the cast films were recorded using an Axioskop 2 MAT (Zeiss)
equipped with an Axiocam MRc5 CCD (Zeiss). For TEM analysis,
portions of the dried films were cut into sections,∼50 nm in
thickness, with a diamond knife using an Ultracut UCT ultrami-
crotome (Leica). Sections were placed on a 400 mesh copper grid
and subsequently examined at an accelerating voltage of 80 kV
using an EM 208 (Philips).

Results

Thermal Characterization. The dynamic mechanical moduli
show no significant changes upon C60 addition for materials in
the glassy or rubbery state (data not shown due to the absence
of changes). This observation holds at all tested frequencies (0.1,
1, 10, and 50 Hz). All changes in the moduli are limited to the
R-transition region and are due to changes in the onset of the
transition. At theR-transition, a substantial drop inE′ occurs
while E′′ exhibits a peak, which is indicative of viscous
damping. When C60 is added to PMMA, the position of the
peak exhibited by tanδ (E′′/E′) shifts to higher temperatures;
the peak height and peak width, however, remain unchanged
(Figure 1a). Similarly, the change in heat capacity of the
materials associated with the glass transition (Figure 1b) shifts
to higher temperatures upon particle addition, but the magnitude
and breadth of the change remain unaltered. The frequency
dependence of theR-transition is also unaffected by particle
addition (Figure 1c).

The change inTg from that of pure PMMA for the PMMA-
C60 PNCs, as measured by both DSC and DMA, is shown in
Figure 2. The DSCTg was determined in the following
manner: (1) straight lines were fit to the heat flow vs
temperature curves before, during, and after the glass transition;
(2) the points of intersection were taken as the onset and end
point of the transition; and (3) theTg was taken as one-half the
change in heat capacity between the onset and end point of the
transition. The DMATg was identified as the high-temperature
peak position of tanδ plotted as a function of temperature. It is
clear from Figure 2 that theTg of the material increases with
the addition of C60.

Rheology. Dynamic rheological measurements were con-
ducted to determine the effect of C60 on the dynamics and
topology of the polymer melt. Master curves of the shear storage
modulus and of the shear loss modulus at a reference temper-
ature,T0 ) 443 K, are shown in Figure 3. It is evident from
these data that the effect of C60 is to shift the storage and loss
moduli to higher magnitudes and lower frequencies. The change
in the magnitude of the storage modulus withφC60

wt is evaluated
in terms of the plateau modulus,GN

0, and the frequency shift in
the moduli is evaluated in terms of the longest relaxation time
of the polymer,τR, which is the reptation time for the highly
entangled PMMA in our studies. An estimate ofGN

0 for the
materials is obtained from the value of the elastic shear modulus
at the point of maximum elasticity35-37

and is depicted as a function ofφC60
wt in Figure 4. The longest

relaxation time of the polymer is estimated as the crossover
point of the storage and loss moduli at low frequency38

and is plotted againstφC60
wt in Figure 5. The two parameters

GN
0 andτR can be used to rescale the modulus and frequency

axes, respectively, of the data in Figure 3 to account for strictly

GN
0 ) [G′(ω)]min(tanδ) (1)

τR ) ( 2π
aTω)

G′)G′′lowω

(2)
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vertical and horizontal shifts in the moduli. The rescaling results
in the superposition of all data over the entire frequency range,
as depicted in Figure 6.

The shift factors,aT, necessary to construct the master curves
of the viscoelastic data for each PNC are plotted as a function

of temperature in Figure 7. The data from all samples
superimpose onto a single curve that can be described by the
Williams-Landel-Ferry (WLF) equation39

with constantsC1
0 ) 9.5 and C2

0 ) 150 at a reference
temperatureT0 ) 443 K. The ability to describe all data in
Figure 7 by a single fit of eq 3 demonstrates the independence
of both C1

0 andC2
0 on C60 concentration for the PNCs.

We conclude the rheological results and relate them to the
thermal results by revealing the increase inτR with φC60

wt, shown
in Figure 5, can be reconciled solely with the change inTg of
Figure 2. This relation is demonstrated by using eq 3 to calculate
a temperature shift,∆TG′,G′′, that is equivalent to the frequency
shift, R, necessary to equate the longest relaxation times.

∆TG′,G′′ is plotted along with the experimentally determinedTg

shift in Figure 2. The data show good agreement, supporting
the notion that the changes in chain dynamics are determined
by changes in the polymer matrix properties due to the influence
of C60.

Dispersion.Since nanoparticles are known to aggregate into
clusters when dried from solution,40 it is important to monitor
particle dispersion in solution-fabricated materials. A visual
observation of the polymer films that remained after solvent
evaporation provided an initial assessment of C60 dispersion
within the PMMA matrix. Prior to annealing, all films were
translucent, with a purple hue. However, after annealing above
Tg, samples ofφC60

wt g 0.03 became opaque. The opacity of
the φC60

wt ) 0.03 and 0.05 samples is an indication of large
particle agglomerates in the material, as nanoscopic fillers do
not scatter light significantly.

Cross-sectional transmission electron microscopy (TEM)
images of the PNCs (Figure 8) reveal that the C60 exists as
nanoscopic agglomerates with diameters on the order of 20 nm

Figure 1. (a) Dynamic mechanical loss tangent, tanδ, as a function
of temperature in theR-transition region for the pure polymer and PNC
at a frequency of 10 Hz. For clarity, only the data for PMMA and the
φC60

wt ) 0.01 PNC are shown. All other PNCs show similar behavior.
(b) Differential scanning calorimetry thermograms for the pure polymer
and PNCs. For clarity, the data have been shifted along the heat flow
axis and only every fifth data point is shown. The vertical lines are
drawn to aid in discerning the temperature shift of the transition. (c)
Frequency dependence of the mechanical loss maximum associated with
the R-transition for the pure polymer and PNCs.

Figure 2. Change in the glass transition temperature from that of pure
PMMA for the PMMA-C60 PNCs,Tg - Tg

PMMA, as measured by both
DSC and DMA. The temperature shift necessary to superpose rheo-
logical moduli,∆TG′,G′′, is also plotted for comparison. The error bars
for the DSC measurements are associated with the range of values that
can be obtained for reasonable choices of curve fits (as described in
the text). For the DMA measurements, error bars are associated with
the temperature difference between data points (i.e., the uncertainty
with which the peak position is identified). The error bars for∆TG′,G′′
are associated with both the measurement uncertainty of the crossover
point of the storage and loss moduli (as described therein) and the range
of WLF constants that gave a reasonable fit to the shift factor
temperature dependence (C1

0 ) 9.1-9.9, C2
0 ) 140-160).

log aT )
-C1

0(T - T0)

C2
0 + T - T0

(3)

R )
τR(φ)

τR
PMMA

(4)
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for φC60
wt < 0.01. Also evident from Figure 8 is the invariance

of agglomerate size and increase in the number density of
agglomerates with increasingφC60

wt for φC60
wt < 0.01. These

observations suggest that although the fullerenes have not been
individually dispersed, aggregates at these low concentrations
can still be described as nanoparticles and have dimensions on
the order of the polymer chain size,∼10-20 nm.

At higher concentrations,φC60
wt g 0.01, C60 agglomerates

were detectable by both transmission optical microscopy and
TEM. Figure 8 illustrates the coexistence of both nanoscopic
and micron sized agglomerates atφC60

wt ) 0.01. From the TEM
micrographs of the agglomerate structure atφC60

wt ) 0.05, it is
evident that the morphology of the micron sized agglomerates
is characterized by features on two additional length scales: (1)
the large agglomerates consist of “bundles” of the nanoscopic

aggregates that exist in the mixtures at low concentrations, and
(2) crystal planes are evident within the nanoscopic aggregates.
In fact, the relative abundance of the ordered nanometer
agglomerates at high concentrations is likely the source of X-ray
diffraction peaks observable by us (not shown) and by others41

in these materials.

Discussion

As described in the Introduction, property enhancements
exhibited by PNCs can result from two effects: (1) a “filler”
effect that can be completely described by the volume fraction
of particles and has been well characterized through studies of
conventional composites and/or (2) changes in the polymer
matrix properties due to specific interactions between the
polymer chain segments and the nanoparticles. While the
latter is relevant in many systems,2-6,11,12,14,15 the specific
mechanisms behind the influences are often not fully understood.

Figure 3. Frequency dependence of the dynamic shear moduli of the polymer and PNCs. Master curves were obtained by application of time-
temperature superposition and were shifted to a reference temperature of 443 K.

Figure 4. Ratio of the plateau moduli of the PNCs to that of pure
PMMA as a function of C60 loading. The relation in eq 5 is plotted
along with the data for comparison. The error bars for the plateau
moduli are associated with the variability (∼5%) of equivalent
measurements on material standards, and all replicate PNC measure-
ments fell within this range.

Figure 5. Ratio of the longest relaxation time for the PNCs to that of
pure PMMA as a function of C60 loading. The error bars for the
relaxation times are associated with the variability (∼3%) of equivalent
measurements on material standards and all replicate PNC measure-
ments fell within this range.
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Simulations19,22-27 suggest the presence of nanoparticles change
local monomer packing and that such changes in structure can
contribute to property enhancements. For instance, a decrease
in fractional free volume associated with increased monomer
packing density, due to the influence of nanoparticles, could
account for the increase inTg exhibited by the PMMA-C60

PNCs, assuming the glass transition is an iso-free volume
process. The increase inTg could, in turn, account for the slow
down in melt dynamics. Another scenario might be that an
increase in polymer entanglement density arises from increased
monomer packing density or direct polymer-particle contacts.
The resulting decrease in the number of monomers between
entanglements,Ne, from such an effect could account for
increases in the plateau modulus,GN

0 ∼ Ne
-1, and chain

relaxation time,τR ∼ Ne
-1, exhibited by the PMMA-C60 PNCs.

However, in what follows we will show that our experimental
observations are not consistent with the foregoing interpretations.

It will be shown that the increase inGN
0 with C60 concentration

is associated with the “filler” effect. In addition, we illustrate
that the perturbing influence of the nanoparticles on the polymer
matrix does not derive from polymer chain confinement or
polymer bridging between particles. Instead, we argue that the
increases inτR andTg reflect the subtle influence of transient
interactions between the fullerene surfaces and the PMMA chain
segments.

Free Volume and Polymer Entanglement Density.As just
described, changes in system free volume and/or polymer
entanglement density, due to an influence of nanoparticles on
polymer packing, could be responsible for changes inTg, τR,
and GN

0 in PNCs. For instance, in PMMA-POSS PNCs, a
WLF analysis enables a rationalization of the changes in system
Tg in terms of changes in free volume with POSS concentra-
tion.42 The rheological measurements of the PMMA-C60 PNCs,
however, fail to resolve any such changes in structure. The WLF
constants are independent of C60 concentration in these materials,
which suggests that free volume changes cannot explain the
trends exhibited inTg.

An analysis of the breadth of the plateau region of the
rheological data reveals that the PMMA entanglement density
is independent of C60 concentration. The breadth of the plateau
region is defined by the difference betweenτR andτe, the latter
denoting the Rouse time of an entanglement strand. SinceτR ∼
Ne

-1 andτe ∼ Ne
2, a change inNe would result in a change in

the breadth of the plateau region. However, Figure 6 illustrates
the invariance of the breadth of the plateau region with C60

concentration; the data for the homopolymer and all PNCs
superpose over the entire frequency range, which extends
beyond the plateau region at both high and low frequencies,
after rescaling to account for strictly horizontal and vertical shifts
in the moduli. Since no change in the breadth of the plateau
region occurs upon C60 addition, changes in the entanglement
density cannot account for the observed changes in plateau

Figure 6. Superposition of the dynamic shear moduli by a rescaling of the axes as described in the text.

Figure 7. Frequency shift factors,aT, used for the development of the
master curves in Figure 3 as a function of temperature.
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modulus or polymer melt dynamics. These findings suggest the
need for alternative explanations for the behavior of the
PMMA-C60 PNCs, and the goal of the following discussion
will be to identify the mechanisms behind the C60 influence on
the properties of the PNCs.

The “Filler” Effect. We now examine the increase in melt
plateau modulus with C60 concentration using a continuum
theory which describes the effect of hard, noninteracting,

spherical fillers on the moduli of polymers. The theory relates
the modulus of the composite,GN

0(φvol), to that of the polymer,
GN

0(0), by a filler volume fraction,φvol, dependent term.43,44

While eq 5, often referred to as the Guth-Smallwood equation,
under predicts the compositional dependence of the modulus
depicted in Figure 4, the small discrepancy can be accounted
for by a number of factors. The TEM images in Figure 8 show
that the micron sized agglomerates which exist forφC60

wt >
0.01 are anisotropic and contain voids (the light areas within
the C60 agglomerates). The anisotropy of the particles alone
contribute to deviations from eq 5,43 and the voids within the
agglomerate structure lead to larger effective volume fractions
of the filler. Both effects tend to increase the magnitude ofGN

0

beyond the theoretical predictions. Although it would be difficult
to quantify the deviations from eq 5 due to these effects, we
argue that they account for the discrepancies in Figure 4 and
attribute the origin of the increase ofGN

0 with C60 concentra-
tion to the “filler” effect.

Factors of Influence on PMMA Matrix Properties. Our
results show that C60 perturbs the polymer matrix in such a
manner as to increase theTg and polymer chain relaxation time.
The confinement of chains between filler particles, polymer
bridging between particles, and polymer-particle interfacial
interactions may all contribute toward the influence that
nanoparticles have on the properties of polymers. We now
examine the relative role these factors play in shaping the
properties exhibited by the PMMA-C60 PNCs.

Chain confinement effects are expected be significant when
interparticle distances become smaller than the size of the
polymer,∼2Rg. An estimate of the C60 interparticle distance,
h, using the relation

where D is the particle diameter andφm
vol is the maximum

random packing volume fraction, predicts thath ∼ 2Rg for
φC60

vol ∼ 2.6× 10-5 (φC60
wt ∼ 4.5× 10-5). This calculation is

based on the assumption that the C60 particles are individually
dispersed and suggests that the polymer molecules in the
PMMA-C60 PNCs evaluated,φC60

wt g 0.001, are highly
confined between particles. However, the TEM images in Figure
8 reveal that much of the C60 exists as aggregates. ForφC60

wt

< 0.01, the average size of the aggregates is on order of 20 nm
in diameter; for higher C60 concentrations the dimensions of
the aggregates reach the order of microns. On the basis of eq 6,
the distance between these aggregates is greater than the size
of the polymer, h > 2Rg, at all C60 concentrations. This
conclusion is consistent with the observation of interparticle
distances in the micrographs of Figure 8. Therefore, confinement
of the polymer chains between particles does not contribute to
the observed changes inTg and chain dynamics for the PMMA-
C60 PNCs.

Polymer chain bridging between particles also requires that
the size of the polymer chain exceed the interparticle distances.
However, we have already established thath > 2Rg in the
PMMA-C60 mixtures, so any mechanism based solely on
particle bridging would not be significant. Moreover, the lack
of formation of a percolated filler network mediated by polymer
chains, associated with polymer bridging between particles, is
also evident from the melt dynamic shear moduli in Figure 3.

Figure 8. TEM and optical micrographs of the PMMA-C60 PNCs.
The dark features are C60 agglomerates. AtφC60

wt < 0.01, C60

agglomerates are∼20 nm in diameter. AtφC60
wt ) 0.01 nanoscale

agglomerates coexist with micron sized agglomerates. The micron sized
agglomerates atφC60

wt ) 0.05 consists of “bundles” of the nanoscale
agglomerates that exist at low C60 concentrations, and these nanoscale
agglomerates exhibit ordered packing of C60 particles.

GN
o(φvol) ) GN

0(0)[1 + 2.5φvol + 14.1(φvol)2] (5)

h
D

) (φm
vol

φ
vol)1/3

- 1, φm
vol ) 0.638 (6)
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Such a network restrains long-range motions of polymer chains;
the liquidlike terminal behavior associated with homopolymers
at long time scales transitions to solidlike behavior.9,11,14,20An
example of this phenomenon was observed by Du et al.14 in
PMMA-single-walled carbon nanotube (SWNT) PNCs. The
dynamic viscoelastic moduli of the PMMA-SWNT PNCs
exhibit a weak low-frequency dependence for SWNT loadings
higher than 0.2 wt %, thereby revealing the restraint of the long-
range polymer chain motions at these SWNT concentrations.
However, the PMMA-C60 materials exhibit homopolymer-like
terminal flow behavior,G′ ∼ ω2 and G′′ ∼ ω, at all C60

loadings; only a shift in the onset of terminal flow to lower
frequencies (Figure 3) occurs. This frequency shift in the
rheological behavior with C60 addition is present throughout the
entire frequency range, suggesting that polymer chain dynamics
are affected equally on all length scales. This behavior is in
contrast to that of a percolated network, where influence would
primarily be in the terminal flow regime. Hence, both interpar-
ticle distances that exceed polymer chain size and the terminal
flow behavior of the materials indicate that polymer bridging
between particles is not the contributing influence to the changes
in Tg and chain dynamics observed for the PMMA-C60 PNCs.

The absence of polymer chain confinement and polymer
bridging between particles in the PMMA-C60 PNCs leaves
interfacial interactions to account for the observed changes in
PMMA matrix properties. This finding, in conjunction with the
observations of C60 agglomerate size as a function ofφC60

wt

(Figure 8), makes the origin of the plateau ofTg and ofτR at
φC60

wt > 0.01 (observed in Figures 2 and 5, respectively)
apparent. The formation of large particle agglomerates at the
higher concentrations prevents the growth of polymer-particle
interfacial area of contact and hence inhibits the influence of
the particles on the polymer dynamics from growing with further
increases in C60 concentration. We now turn our attention to
the manner by which interfacial interactions exert influence on
the bulk behavior of the PMMA-C60 PNCs.

Role of Transient Interactions at Interfacial Contact.
There is reasonable insight into ways that interfacial interactions
influence the properties of polymers, particularly from measure-
ments of the glass transition temperature of thin polymer
films28-33,45-48 and of PNCs.2-7 In PNCs, particles are generally
described to influence the glass transition of the material in one
of two manners. The first is a relatively long-ranged gradient
in Tg, extending tens of nanometers from the interface, that
influences the averageTg of the material.6 The second is a more
localized effect denoted by marked changes in polymer dynam-
ics at direct interfacial contact with the particles, i.e., “bound”
polymer, while, at the same time, homopolymer-like dynamics
are exhibited by chains away from the particle surface.2,3,49For
the PMMA-C60 system, the invariance of the tanδ R-relaxation
peak height and peak width with filler concentration (Figure
1a) is not consistent with either of the foregoing descriptions.
A long-ranged gradient in the polymerTg within the interfacial
region would be anticipated to produce a broader distribution
of polymer relaxation times compared to the homopolymer and
hence broaden the width of theR-transition peak for the PNCs
relative to the homopolymer. A marked change in dynamics at
interfacial contact would be anticipated to shift the relaxation
of a fraction of polymer segments outside the spectrum of the
homopolymerR-transition peak and hence reduce the height of
theR-transition peak for the PNCs relative to the homopolymer.
The absence of either effect suggests that the C60 particles slow
theR-relaxation dynamics uniformly throughout the bulk of the
PNC.

Simulations19,20,25,26indicate that local dynamic heterogene-
ities in PNC melts, associated with polymer-particle interfacial
interactions, can lead to a change in the macroscopic properties
of the polymer. These simulations suggest that weakly attractive
polymer-particle interactions lead to transient immobilization
of polymer segments at the surfaces of particles; the duration
of the immobilization persists on time scales,τps, that are much
shorter than the longest relaxation time,τR, of a polymer chain,
τps , τR. Consequently, a large fraction of polymer segments
experience such transient interactions throughout the duration
τR, and this induces a homogeneous slowdown of dynamics on
the time scale ofτR. The effect is tantamount to an increase in
the effective friction experienced by a chain. Higher particle
concentrations lead to larger polymer-particle interfacial areas
of interaction (assuming the particles do not aggregate ap-
preciably) and enhance the effect on dynamics. The work of
Pryamitsyn et al.20 describes this type of behavior at low
concentrations of a spherical filler in PNCs with weakly
attractive polymer-particle interactions; such as mechanism is
also commensurate with our experimental observations ofτR

as described below.
Evidence of the immobilization of polymer chain segments

at the surface of the C60 particles can be discerned from
incoherent neutron scattering (INS) measurements. Figure 9
reveals an increase of the elastic scattering intensity for the
φC60

wt ) 0.01 PNC relative to that of pure PMMA, indicating
a decrease in atomic motions for the PNC relative to the
homopolymer. Further, as will be described in detail in a future
work, quasi-elastic neutron scattering measurements of the same
systems, aboveTg, reveal that the PNC exhibits a broader
distribution of polymer relaxation times relative to the ho-
mopolymer. Hence, the increased elastic intensity for the PNC
melt is attributed to motional restriction of polymer segments
at the polymer-particle interfaces on the nanosecond time scale
of the INS measurements, while all other polymer segments
retain homopolymer-like dynamics on this time scale. However,
in contrast to this dynamic heterogeneity observed in the INS
measurements, mechanical measurements suggest that the effect
of C60 on polymer melt dynamics may be described in terms of
a homogeneous increase in the local friction factor throughout
the bulk of the material. Observations that support this latter
suggestion include the invariance of the shape of the PNC
mechanicalR-relaxation peak from that of pure PMMA (Figure
1a), the invariance of the temperature dependence of the PNC
mechanicalR-relaxation time from that of pure PMMA (Figure
1c), the invariance of the shape of the low-frequency peak in
the PNC melt loss modulus from that of pure PMMA (Figure
6), and the frequency shift in the rheological moduli over the

Figure 9. Decrease in the elastic scattering intensity, summed over
all Q, as a function of temperature for PMMA and theφC60

wt ) 0.01
PNC.
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entire frequency range of the measurements (Figure 3). The
picture that emerges from these findings is that the heteroge-
neous PNC melt dynamics at the nanosecond time scale of the
INS measurements result in a homogeneous slowing of the bulk
dynamics measured mechanically. The homogeneous effect on
polymer dynamics on the time scale ofτR can be attributed to
the mechanism described above for the simulations. We also
propose an alternative mechanism to describe theR-relaxation
behavior as follows.

Motions associated with the mechanicalR-relaxation peak
are localized cooperative motions, and this begs the question
as to how segments greater than 10 nm away from the particle
surface would experience an equivalent reduction in dynamics
as segments in direct contact with the surface. One way to
interpret the shift in theR-relaxation dynamics of the PMMA-
C60 PNCs may lie in the ideas presented by Long and Lequeux,50

where a mechanism for the glass transition is proposed. In their
work, Long and Lequeux regard system dynamics to be strongly
heterogeneous, characterized by the presence of both slow
domains and fast domains that result from thermally induced
density fluctuations. They interpret the glass transition as a
dynamical effect that results from the percolation of slow
domains (which have a lifetime comparable to that of the
R-relaxation,∼10-100 s) throughout the system. In our case,
the PMMA-C60 interactions enhance the fraction of slow
domains in the PNC relative to the homopolymer. Consequently,
the percolation of slow domains occurs at a higher temperature
in the PNC than in the homopolymer, and hence the PNCTg

and associatedR-relaxation motions are shifted to higher
temperatures. Thus, in this framework, it is not necessary for
the particles to influence all polymer segments uniformly to
obtain a shift in theR-relaxation dynamics as found in the DMA
measurements of the PMMA-C60 PNCs. Only a shift in the
temperature at which percolation occurs is necessary, and this
can be accomplished via the polymer-particle interfacial
interactions described heretofore.

Conclusions
We have shown how small concentrations of C60 in PMMA

increase the melt shear moduli, the glass transition temperature,
and the longest relaxation time of the polymer. The increases
in shear plateau modulus are associated with a so-called
conventional “filler” effect; however, the increases inTg and
τR are associated with a change in polymer matrix properties
that reveals a breakdown of polymer “continuum solvent”
behavior in the PNCs. Since the mechanical measurements
resolve a uniform change in polymer dynamics with nanoparticle
addition, it is tempting to attribute the decrease in dynamics to
a decrease in free volume or an increase in polymer entangle-
ment density associated tighter segmental packing due to the
influence of the nanoparticles. However, no such structural
changes are discerned; the increases inτR are shown to result
from transient immobilization of polymer segments at the
particle surface that lead to an increase in the effective friction
experienced by the chains. An increase in the fraction of slowly
relaxing polymer domains due to the PMMA-C60 interfacial
interactions is also proposed to account for the shift inTg and
the associatedR-relaxation dynamics by increasing the tem-
perature at which percolation of the slow domains occurs. The
development of such dynamical heterogeneities upon the
addition of nanoparticles is supported by simulations and by
INS measurements that probe polymer segmental motions on a
nanosecond time scale. Higher particle concentrations lead to
more polymer-particle interfacial area and increase the mag-
nitude of the observed effects. However, the growth of

polymer-particle interfacial area is inhibited when increased
particle concentration leads to the formation of larger particle
aggregates, and the magnitude of the effect on dynamics in this
scenario is limited.
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